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Abstract 

Pressureless sintering is a cost-effective method to fabricate shaped Ti-Al-Nb alloy components 

in the aerospace industry. However, the sintering pores in the Ti-Al-Nb alloys led to inferior 

mechanical properties when using elemental Al powder as the raw material. By completely replacing 

the Al powder with the Al-Nb master alloy powder, the pores were substantially reduced in the 

pressurelessly sintered Ti-22Al-17.5Nb (at.%) alloy, accompanied by the improvement of the tensile 

strength. We investigated the densification mechanisms by implementing the isothermal quenching 

experiments at 500-1200 oC. In the Ti/Al/Nb compact, the pores originated from the melting of Al 

and the Kirkendall effect at the interfaces of the Ti3Al and Nb particles. The transitions of 

Ti+3Al→TiAl3 and α2→B2 determined the porosity of the sintered alloy. In the Ti/Al-Nb/Nb compact, 

the Kirkendall pores at the Ti/Al3Nb interfaces were reduced since the diffusion of Al in Ti was 
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retarded. The accelerated diffusion of Nb in Ti3Al suppressed the Kirkendall effect at the Nb/Ti3Al 

interfaces and promoted the formation of the B2 phase. The ripening of the B2 grains further 

contributed to the densification of the sintered alloy.  

Keywords Ti-Al-Nb alloy; pressureless sintering; powder metallurgy; phase transition; densification. 

 

1. Introduction 

With the increasing demand for long traveling distances and high carrying capacities in aircraft 

and spacecraft, lightweight and high-strength alloys are required to improve the thrust-to-weight ratio 

and the combustion efficiency of aerospace engines. In addition to the nickel-based superalloy, 

titanium alloys have attracted considerable attention due mainly to their high specific strength, 

superior high-temperature strength, and excellent corrosion resistance [1, 2]. Among the classic Ti 

alloys, the intermetallic Ti-Al alloys exhibit high strength at 600-750 oC, since the internal atoms are 

in long-range order [3]. However, the intrinsic brittleness [4] of the Ti-Al alloys limited their 

engineering applications. By incorporating 15-27 at.% Nb, the room-temperature ductility and 

fracture toughness of the Ti-Al alloys were successfully improved [5, 6]. Ever since Banerjee et al. 

identified the orthorhombic Ti2AlNb (O) phase in the Ti-22Al-12.5Nb (at.%, similarly below) alloy 

[7], various Ti2AlNb-based alloys were developed as lightweight and high-temperature structural 

materials [8-11]. Although multiple processing methods were employed, the deformation ability was 

barely improved for the Ti2AlNb-based alloys, and the deformation processing condition for the 

shaped pieces was still harsh. When a large-scale component of the Ti2AlNb-based alloy was 

fabricated by smelting, macrosegregation was hardly avoided due to the high alloying degree. Hence, 

the smelting and deformation processing techniques are not applicable to produce the components of 
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the Ti2AlNb-based alloy in irregular shapes, e.g., cartridge receiver, impeller, and blisk in aerospace 

engines. 

Powder metallurgy, a near-net-shaped technique, was used to prepare the Ti2AlNb-based alloys 

[12, 13]. The components in irregular shapes were fabricated without severe deformation, and 

uniform composition and refined grains were obtained [14]. At present, the Ti-Al-Nb alloys are 

primarily prepared from stoichiometric pre-alloyed powder by pressure-assisted sintering methods 

[12, 15, 16], among which hot isostatic pressing (HIP) and spark plasma sintering (SPS) are widely 

used. Zhang et al. demonstrated that the Widmanstätten structure formed in the Ti2AlNb-based alloys 

HIPped at 1150 °C and under 120 MPa, and the alloys exhibited the ultimate tensile strength of 910 

MPa and an elongation of 4.8% at 650 °C [17]. Wang et al. fabricated Ti2AlNb sheets via SPS and 

hot-packed rolling. The ultrafine O phase, uniformly distributed in the B2 matrix, resulted in a tensile 

strength of 1239 MPa and an elongation of 6.47% [18]. As cartridge receivers and impellers were 

successfully manufactured from the pre-alloyed powder by HIP [19], cost reduction and mass 

production became the main concerns in industries. The critical issues lay in the costly Ti2AlNb pre-

alloyed powder and the dependence on the custom sheath.  

The cost-effective elemental powders could be pressed into a designed shape at room 

temperature, and the Ti-Al-Nb alloys were then prepared by sintering the compacts [20-24]. However, 

high pressure was necessary to guarantee the density of the alloys. To date, pressureless sintering was 

barely used to fabricate the Ti-Al-Nb alloys from elemental powders. Kayani et al. sintered the Ti-

48Al-2Nb alloy from the elemental powder at 1200 oC and atmospheric pressure. The porosity of the 

sintered alloy reached 23.9% [25], and the mechanical properties were unreported. The high porosity 

was the main disadvantage for the pressurelessly sintered Ti-Al-Nb alloys, which might lead to low 
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mechanical properties [23]. 

To improve the density of the pressurelessly sintered Ti alloys, TiH2 was used as one of the raw 

materials in most studies [24, 26]. In contrast with the alloy prepared from Ti powder, the ones from 

TiH2 powder showed higher density and improved mechanical properties. The densification process 

was strongly associated with the phase transitions upon heating. Zhao et al. attributed the 

densification mechanism to the diffusion of Ti and Nb in the Ti-Nb alloys, and the sintering 

temperature and the period determined the degree of densification [27]. Liang et al. elucidated the 

relationship between the pores and the phase transitions throughout the sintering process of the Ti-

48Al-6Nb alloy. The solid-state reactions of 3TiAl3+2Nb→2NbAl3+3TiAl, TiAl+2Ti→Ti3Al, and 

NbAl3+5Nb→3Nb2Al contributed to the densification of the alloy [28]. 

Although TiH2 was beneficial to the densification of the Ti alloy, cracks would form in the 

sintered alloys due to the escape of H2. Therefore, the heating rate must be strictly controlled as slow 

as 5 oC·min-1 at the dehydrogenation stage, and the sintering cost will increase. According to previous 

studies, decreasing the diffusion rate of Al and increasing that of Nb are critical elements for the 

densification of Ti-Al-Nb alloys. A possible route was to replace the Al powder with Al-Nb alloy 

powder as the raw material. Wang et al. fabricated the Ti-23Al-17Nb alloy from the TiH2, Nb-Al, and 

Al powders by pre-treatment, cold isostatic compressing (CIP), and pressureless sintering at 1200 oC 

for five hours, The density of the alloy reached 98.7%. The strength and elongation of the alloy 

reached 941 MPa and 11.7%, respectively [29]. Nevertheless, the TiH2 and Al powders were still used 

as raw materials, which would lead to cracks in the alloys.  

   In this study, we used the Al-Nb master alloy powder to replace the Al powder as the raw 

material, and dense Ti-Al-Nb alloys were prepared from Ti, Al-Nb, and Nb powder by cost-effective 
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pressureless sintering. The room- and high-temperature mechanical properties were measured to 

confirm the effectiveness of this fabrication method. The densification mechanism was illustrated by 

systematically analyzing the phase transitions and microstructure evolution during sintering. This 

study provides a foundation for the cost-effective fabrication of the Ti-Al-Nb alloys, and the initial 

experimental results encourage one to apply the pressureless sintering method on other Ti alloys for 

cost-effective industrial production. 

2. Experimental details 

The Ti-Al-Nb alloy (AlNb#2) with a nominal composition of Ti-22Al-17.5Nb (at.%) was 

prepared from Ti (~45 μm, 99.9% in purity), Al-Nb master alloy (20-30 μm, 99.9% in purity), and 

Nb (5-10 μm, 99.9% in purity) powders. A reference alloy (Al#1) was prepared from Ti (~45 μm μm, 

99.9% in purity), Al (5-10 μm, 99.9% in purity), and Nb (5-10 μm, 99.9% in purity) powders. The 

raw material powders were mixed in a planetary ball mill, and the mixture was filled into reusable 

cylindrical rubber packages on a vibration device. Fig. 1 shows the SEM images of the ball-milled 

powders, as well as the corresponding element mappings. By completely replacing the Al powder 

with the Al-Nb master alloy powder, the homogeneity of Ti (Fig. 1b and f) and Al (Fig.1c and g) in 

the mixture hardly changed after the planetary ball mill. Since fewer Nb particles were included in 

the Ti/Al-Nb/Nb mixture, the homogeneity of Nb was improved by using Al-Nb master alloy powder 

as the raw material. Most areas of Nb overlapped with those of Al in the mixture of Ti, Al-Nb, and 

Nb powders (Fig. 1d and h). The sealed rubber packages were molded by cold isostatic pressing at 

300 MPa, and the shaped compacts were sintered at 1400 oC for four hours with a heating rate of 10 

oC·min-1 in a pipe furnace (Tianjin Zhonghuan SK-G10163) under Ar atmosphere. Fig. 2 shows the 

reproduced Ti-22Al isopleth using the thermodynamic data of Cupid et al. [30]. The equilibrium 
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phase became pure β/B2 at 1006 oC, above which the phase constituent remained unchanged in the 

Ti-Al-Nb system. Sintering in the single-phase region was beneficial to the homogenization of the 

alloy, and a relatively high sintering temperature in this phase region accelerated the sintering process. 

Moreover, to guarantee the solid-state sintering, 1400 oC was used as the sintering temperature, which 

was 278 oC lower than the melting point of Ti. The dependence of the diffusion to time is explained 

by r=2.4(Dt)1/2 [31], where r is the radial distance, D is the diffusion coefficient, and t is the sintering 

time. Considering the adequate diffusion of Nb in the Ti particles, r=22.5 μm and D=9.82 m2·s-1 (1400 

oC) were used in this study [32], and the sintering time was calculated to be 2.5 h at a minimum. For 

adequate sintering, we extended the holding time to four hours. 

 

Fig. 1 (a) SEM image and (b)-(d) element mappings of the ball milled Ti/Al/Nb powders, (e) SEM 

image and (f)-(h) element mappings of the ball milled Ti/Al-Nb/Nb powders. 
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Fig. 2 Ti-22Al isopleth overlaid for an Nb composition of 17.5 at.%. Data from Cupid et al. [30]. 

The density of the alloys was measured by the Archimedes drainage method. The phase 

composition was examined by X-ray diffraction (XRD, Bruker D8 Advance), and the Rietveld 

refinement was performed using Fullprof Suite. The microstructure was observed by scanning 

electron microscope (SEM, GeminiSEM 300) and transmission electron microscope (TEM, FEI 

Tecnai G2 F20) equipped with energy dispersive spectroscopy (EDS, Bruker XFlash 5030). The 

samples for TEM observation were prepared by a focused ion beam (FIB, FEI Helios G4). The 

sintered alloys were subjected to quasi-static tensile tests on a universal electronic tester (CMT4305). 

The testing temperatures were 20 oC and 600 °C, and the strain rate was 10-3·s-1. 

The densification mechanism was investigated by thermal analysis and isothermal quenching 

experiments. The compacts were heated up to 1200 oC in a differential scanning calorimeter (DSC, 

Netzsch DSC 404F3) at a heating rate of 10 oC·min-1, and the DSC curves were synchronously 

recorded. According to the temperatures of the exothermal and endothermal peaks, quenching 

temperatures were selected between 500 oC and 1200 oC. The compacts were sealed in vacuum quartz 

tubes and quenched at these temperatures to preserve the high-temperature states. The phase 
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composition, microstructure, and element distributions of these quenched compacts were measured 

by XRD, SEM, and EDS, respectively.  

3. Results and discussion 

3.1 Improvement of density and strength for Ti-Al-Nb alloy prepared from Al-Nb powder 

 

Fig. 3 Backscattered electron (BSE) images of the Ti-Al-Nb alloys prepared from (a) elemental Al 

powder (Al#1) and (b) Al-Nb master alloy powder (AlNb#2). 

Figure 3a and b show the SEM images of the Ti-Al-Nb alloys sintered from the elemental Al 

powder (Al#1) and the Al-Nb master alloy powder (AlNb#2) at 1400 oC. The Al#1 alloy contained 

large pores with an average diameter of 12.6±1.1 μm, and the porosity reached 3.34%. The diameter 

of the pores was reduced to 4.9±0.4 μm, and the porosity was decreased to 0.57% in the AlNb#2 alloy. 

Using the Archimedes drainage method, the densities of the Ti-Al-Nb alloys sintered from the 

elemental Al powder and the Al-Nb master alloy powder were measured to be 4.65 g·cm-3 and 4.98 

g·cm-3, respectively. The use of the Al-Nb master alloy led to the densification of the Ti-Al-Nb alloy 

under the condition of pressureless sintering. 
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Fig. 4 XRD patterns and Rietveld refinements of the Ti-Al-Nb alloys prepared from (a) elemental 

Al powder (Al#1) and (b) Al-Nb master alloy powder (AlNb#2). 

 According to the XRD patterns (Fig. 4a and b), the phase constituent hardly changed using 

different raw materials, and the two alloys contained α2 and B2 phases. The weight percentage of α2 

and B2 was calculated by the Rietveld refinement method. When using the Al-Nb master alloy powder, 

the content of the B2 phase in the sintered alloy was estimated to be 38.5±0.8 wt.%, which was 2.7 

times larger than that in the alloy prepared from the elemental Al powder. The content of the B2 phase 

was also proved by the SEM images (Fig. 3a and b), in which the α2 and B2 were dark grey and light 

grey, respectively. For the Ti-Al-Nb alloy prepared from the elemental Al powder (Fig. 3a), the 

microstructure featured equiaxed α2 and Widmannstätten B2+α2. The size of the equiaxed α2 was 

29.21±12.22 μm, and the width of the acicular α2 in the Widmannstätten structure was 0.93±0.49 μm. 

For the Ti-Al-Nb alloy prepared from the Al-Nb master alloy powder (Fig. 3b), the microstructure 

featured grain-boundary α2 and Widmannstätten B2+α2. Compared with the equiaxed α2 in the Al#1 

alloy, the grain boundary α2 was significantly refined in the AlNb#2 alloy, and the width was only 
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0.29±0.06 μm. In both alloys, the pores were located inside the α2 phase. 

 

Fig. 5 True stress-strain curves of the pressurelessly sintered Ti-Al-Nb alloys at (a) room 

temperature and (b) 600 oC. 

 

Fig. 6 Fracture morphologies of the Ti-Al-Nb alloys prepared from (a) elemental Al powder (Al#1) 

and (b) Al-Nb master alloy powder (AlNb#2) after room-temperature tensile tests. 

The stress-strain curves of the Ti-Al-Nb alloys sintered from the elemental Al powder (Al#1) 

and the Al-Nb master alloy powder (AlNb#2) are shown in Fig. 5. At room temperature (Fig. 5a), the 

tensile strength and elongation of the Al#1 alloy were 666 MPa and 0.95%, respectively, and those of 

the AlNb#2 alloy was 982 MPa and 1.34%, respectively. By contrast, the tensile strength and the 

elongation of the AlNb#2 alloy were increased by 47% and 41%, respectively. Generally, due to a 

limited number of slip systems, the intermetallic α2 phase possessed higher strength and lower 

ductility than the B2 phase. When the alloys were in the same composition, the reduction of the 
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equiaxed α2 phase decreased the strength of the alloy, whereas the refined acicular α2 led to substantial 

second-phase strengthening for the high strength of the AlNb#2 alloy. Side evidence was found in the 

fracture morphologies of the two alloys (Fig. 6a and b). The fracture mainly occurred at the interfaces 

of the α2 and B2 phases in the Widmannstätten structure, indicating that the second phase 

strengthening might be the dominant mechanism for the Ti-Al-Nb alloys. Since the content of the B2 

phase increased in the AlNb#2 alloy, the plasticity was improved. More importantly, the voids with a 

diameter of 8-18 μm were evident on the fracture surface of the Al#1 alloy, and the cracks extended 

from these voids. However, fewer voids or cracks were observed in the fracture surface of the AlNb#2 

alloy. It indicated that the absence of the pores played an essential role in increasing the mechanical 

properties of the Ti-Al-Nb alloys by pressureless sintering. At 600 ℃, although the elongation of the 

AlNb#2 alloy was 8% lower than that of the Al#1 alloy, the tensile strength of the AlNb#2 alloy (702 

MPa) was 26% higher than that of the Al#1 alloy. Compared with the mechanical properties of the 

AlNb#2 alloy at room temperature, the tensile strength at 600 oC was only decreased by 29%, and the 

elongation was increased by 408%. Hence, besides the densification, the Al-Nb alloy powder also 

benefited the elevated-temperature mechanical properties. 

 

Fig. 7 Tensile strength and elongation of Ti2AlNb alloys prepared by hot isostatic pressing, selective 
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laser melting (SLM), hot pressing (HP) sintering, forging, and pressureless sintering [17, 33-35]. A 

red star indicates the result of the present study. 

Figure 7 shows the high-temperature (600 oC or 650 oC) tensile strength and the elongation of 

the Ti-Al-Nb alloys fabricated by hot isostatic pressing, selective laser melting (SLM), hot pressing 

(HP) sintering, forging, and pressureless sintering [17, 33-35]. The hot-pressed alloys only possessed 

relatively high plasticity, while the HIPped ones only showed high strength. Moderate strength and 

plasticity were achieved in the SLMed alloys. When the alloys were subjected to severe deformation 

and multistep heat treatment, excellent high-temperature strength and plasticity were obtained. A red 

star indicates the result of the present study in Fig. 7. When the complex process was undesirable, the 

pressurelessly sintered Ti-Al-Nb alloys were competitive in strength and plasticity at 600-650 oC.  

3.2 Phase transitions upon heating  

The above analyses proved that the removal of the pores was conducive to the mechanical 

properties of the pressurelessly sintered Ti-Al-Nb alloys. We first studied the phase transitions in the 

sintering process to reveal the densification mechanism of the Ti-Al-Nb alloys prepared from Al-Nb 

master alloy powder. The DSC curves of the compacts upon heating are shown in Fig. 8. Two 

continuous exothermic peaks existed on the DSC curve for the compact of the Ti, Al, and Nb powders, 

and the peak temperature was 617 ℃ and 657 ℃, respectively. The two peaks originated from 

overlapping the exothermic peak for the reaction of Ti+3Al→TiAl3 [28] and the endothermic peak 

for the melting of Al. Therefore, the two peaks corresponded with the reactions of 

Ti(s)+3Al(s)→TiAl3(s) and Ti(s)+3Al(l)→TiAl3(s), respectively. By contrast, for the compacts of the 

Ti, Al-Nb alloy, and Nb powders, neither exothermic nor endothermic peaks appeared on the DSC 

curve in the temperature range of 600-700 oC.  
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Fig. 8 DSC curves for the compacts of Ti, Al, and Nb powders and Ti, AlNb, and Nb powders. 

The pores in the sintered Ti-Al-Nb alloys are strongly associated with the reaction of Ti and Al, 

since the transient liquid Al phase would remain pores in the alloy [36]. Since no simple substance of 

Al existed, the chemical reaction of Al powder and Ti powder no longer occurred during the sintering 

of the AlNb#2 alloy. At 900-1100 ℃, two endothermic peaks were observed on both DSC curves of 

the two compacts from different raw material systems. The temperatures of the two endothermic 

peaks, 907 ℃ and 1055 ℃, for the compact prepared from Al-Nb alloy powder are lower than those, 

916 ℃ and 1071 ℃, for the compact of elemental powder, respectively. It indicated that the phase 

transitions of α→β and α2→B2 occurred at lower temperatures for the AlNb#2 alloy. Although the 

reaction of Ti+3Al→TiAl3 was avoided in the AlNb#2 alloy, the phase transition of α2→B2 still 

occurred, indicating that the Ti3Al phase might generate from the Ti and Al-Nb master alloy. 
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Fig. 9 XRD patterns of (a) Ti/Al/Nb and (b) Ti/Al-Nb/Nb compacts quenched at 500-1200 oC. 

The compacts were quenched at 500 °C, 650 °C, 750 °C, 850 °C, 900 °C, 950 °C, 1000 °C, 

1100 °C, and 1200 °C to remain in the high-temperature states at room temperature. We identified the 

phase transitions upon heating by examining the phase composition and microstructure at these 

temperatures. The XRD patterns for the compacts of the Ti, Al, and Nb powders quenched at 500-

1200 ℃ are shown in Fig. 9a. Only the region of 2θ=34-42o was shown. At 500 ℃, the Ti, Al, and 

Nb phases were all in their original states, which were verified as hexagonal close-packed (hcp) α-Ti 

phase, face-centered cubic (fcc) Al phase, and body-centered cubic (bcc) Nb phase, respectively. At 

650 ℃, the Al phase disappeared, and the TiAl3 phase formed, corresponding to the two exothermal 

peaks on the DSC curve (Fig. 8). The reaction was Ti+3Al→TiAl3. At 750 ℃, the increasing peak 

intensity of γ-TiAl and α2 accompanied by the decreasing peak intensity of TiAl3 since the 

interdiffusion of Al and Ti proceeded. The reactions were 2Ti+TiAl3→3TiAl and 8Ti+TiAl3→3Ti3Al. 

At 850 ℃, the peak intensities of α-Ti and TiAl3 significantly decreased, and the peak intensity of the 

α2 phase increased. The reaction was mainly 8Ti+TiAl3→3Ti3Al. At 900 °C, the peaks of the γ-TiAl 

phase disappeared, and the peak intensity of the α2 phase further increased. The reaction was 

2Ti+TiAl→Ti3Al. Meanwhile, the α-Ti transformed into the β-Ti, which was consistent with the 

endothermal peak (916 oC) on the DSC curve for the compact of the Ti, Al, and Nb powders. At 950 ℃ 
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and 1000 ℃, the peak intensity of the α2 phase was increased. At 1100 ℃, the peak intensity of Nb 

dropped dramatically, and the peaks of the α2-Ti3Al shifted towards the direction of a small angle, 

indicating the Nb atoms with a larger atomic radius than the Ti atoms were incorporated in the Ti3Al 

lattice. With the increasing Nb concentration, the Ti3Al phase transformed into the B2 phase, which 

was identified as the main phase in the XRD pattern. This phase transition corresponded to the 

endothermal peak (1071 oC) on the DSC curve of the Ti, Al, and Nb powders. At 1200 ℃, the 

diffusion of Nb was accelerated, promoting the phase transition of α2→B2 and the homogenization 

of the composition. However, the XRD pattern showed that the α2 phase was the main phase at 1200 

oC. It was due to the quenching-induced B2→α2 phase transformation when the compact was cooled 

down to room temperature.  

The XRD patterns of the Ti/Al-Nb/Nb compacts quenched at 500-1200 ℃ are shown in Fig. 9b. 

Below 750 ℃, the Ti, Al-Nb (Al3Nb and AlNb2), and Nb phases were in their original states. At 

850 ℃, the peak intensity of the NbAl3 phase decreased, and that of the Nb2Al and α2 phases increased. 

The reaction was 2NbAl3+15Ti→5Ti3Al+Nb2Al. At 900 oC, the α-Ti transformed into β-Ti, 

corresponding to the endothermal peak (907 oC) on the DSC curve of the Ti/AlNb/Nb compact. At 

950 oC, the peaks of the NbAl3 and Nb2Al phases decreased, while that of the α2 phase increased. 

Moreover, the peak position of the α2 phase shifted towards the direction of a small angle, indicating 

that the formed α2 lattices might contain a certain number of Nb atoms. The temperature for this peak 

shift was 150 oC lower than that in the compact of the Ti, Al, and Nb powders. The reaction was 

Nb2Al+3Ti→Ti3Al+2Nb. At 1000 oC, the released Nb accelerated the phase transformation of α→β, 

and the peak of the β-Ti phase at 2θ=38.3o was increased. At 1100 oC, the Ti, Al-Nb, and Nb phases 

were entirely consumed, and the α2 phase transformed into the B2 phase, corresponding to the 
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endothermal peak (1055 oC) on the DSC curve for the Ti/Al-Nb/Nb compact. At 1200 oC, the phase 

transformation and the homogenization processes were similar to those in the Ti/Al/Nb compacts. 

According to the XRD patterns, the phase transitions of the two compacts upon heating were 

summarized as follows. The compact of the Ti, Al, and Nb powders experienced the phase transitions 

of α-Ti+Al→TiAl3→γ-TiAl→α2-Ti3Al, α-Ti→β-Ti, and α2→B2 upon heating. The compact of the Ti, 

Al-Nb, and Nb powders experienced α-Ti+Al3Nb→α2-Ti3Al+Nb2Al, Nb2Al+3Ti→Ti3Al+2Nb, α-

Ti→β-Ti, and α2→B2 [37, 38]. 

3.3 Microstructure evolution upon heating 

The microstructure of the compacts at various temperatures was examined, and the 

microstructure evolution during the sintering processes was investigated. For the compacts of Ti, Al, 

and Nb powders, the SEM images of the compacts quenched at 500-1200 ℃ are shown in Fig. 10. In 

the SEM images, the Ti, Al, and Nb particles were in grey, black, and bright white color, respectively. 

The corresponding EDS results are shown in Table 1. 

 

Fig. 10 BSE images of the Ti/Al/Nb compacts quenched at (a) 500 oC, (b) 650 oC, (c) 750 oC, (d) 
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850 oC, (e) 900 oC, (f) 950 oC, (g) 1000 oC, (h) 1100 oC, and (i) 1200 oC. 

Table 1 EDS results of the Ti/Al/Nb compacts quenched at 750 °C, 850 °C, 900 °C, 950 °C, 

1000 °C, and 1100 °C. 

T/oC Figure Point Ti/at.% Al/at.% Nb/at.% 

750°C 10(c) 

1 75.32  24.68  0.00  

2 51.82  48.18  0.00  

3 25.43  74.57  0.00  

850°C 10(d) 
1 74.25  25.75  0.00  

2 53.97  46.03  0.00  

900°C  10(e) 

1 74.64  25.36  0.00  

2 1.33  0.05  98.62  

3 63.30  25.22  11.49  

950°C 10(f) 

1 1.13  0.00  98.87  

2 26.60  20.82  52.58  

3 62.94  26.98  10.08  

1000°C 10(g) 

1 27.50  19.33  53.17  

2 53.42  21.52  25.06  

3 65.61  25.84  8.55  

1100°C 10(h) 

1 9.40  2.04  88.57  

2 61.86  19.60  18.54  

3 70.76  24.82  4.42  

At 500 ℃, the Ti, Al, and Nb particles were separated from each other (Fig. 10a). According to 
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the XRD pattern, they remained unreacted in the compact (Fig. 9a). At 650 ℃, the Ti-Al compounds 

formed at the edge of the Ti particles (inset of Fig. 10b), reducing the gaps among the Ti, Al, and Nb 

particles. The cell volume of TiAl3 and α-Ti is 509.5 Å and 35.3 Å, respectively; therefore, the 

formation of TiAl3 resulted in a significant increase in the volume of the original Ti particles. Both 

the DSC curve (Fig. 8) and the XRD patterns (Fig. 9a) confirmed the phase transformation of 

Ti+Al→TiAl3 at this temperature. At 750 oC, since the diffusion rate of Ti (1.5×10-3 m2·s-1) is lower 

than that of Al (2.1×101 m2·s-1) at the Ti/Al interface [39], the TiAl3, TiAl, and Ti3Al formed from the 

outer to the inner layers of the Ti particles (inset of Fig. 10c). The formation sequence was 

TiAl3→TiAl→Ti3Al, which was in agreement with the decreasing concentration of Al. At 850 ℃, the 

TiAl3 layer disappeared, and the two layers that remained on the surface of the Ti particles were 

identified to be TiAl and Ti3Al phases from the outer to the inner layers, as indicated in the inset of 

Fig. 10d. At 900 oC, the TiAl phase transformed into the Ti3Al phase, and only one Ti3Al layer 

remained on the surface of the Ti particles. Sun et al. and Huang et al. also reported similar phase 

transformations upon sintering the Ti-Al and Ti-Al-Nb alloys [40, 41]. With the increasing 

temperature, the content of the Ti-Al compounds gradually increased, as the thickness of the layers 

on the surface of the Ti particles became larger, from 0.64 μm at 650 oC to 3.86 μm at 900 oC.  

Above 900 ℃, the refractory Nb began to diffuse, as the outermost Ti3Al layer contained 11.49 

at.% Nb (inset of Fig. 10e), according to the EDS results. Meanwhile, only a small amount of Ti (1.33 

at.%) existed inside the Nb particles, indicating that the diffusion rate of Ti in Nb (diffusion coefficient 

of 2.08×10-21 m2·s-1 at 920 oC [42]) was lower than that of Nb in Ti3Al (diffusion coefficient of 5.56

×10-19 m2·s-1 at 920 oC [32]). Along with the Nb and Ti interdiffusion, the Ti-Al-Nb compounds were 

produced on the surface of the Nb particles. At 950 oC, the two layers were confirmed to be AlNb3 
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containing 26.60 at.% Ti and Ti3Al containing 10.08 at.% Nb, as shown in Fig. 10f and Table 1. The 

AlNb3 phase was not detected by the XRD. At 1000 oC, the layers were AlNb3, B2, and Ti3Al from 

the inner to the outer layers of the Nb particles (Fig. 10g). The layers became thicker than those at 

950 oC. At 1100 oC, the diameter of the Nb particles was reduced to 14.7 μm due to the increasing 

diffusion rate of Nb (Fig. 8h). With the increasing Nb content in the Ti3Al phase, the Ti3Al 

transformed into B2. This transition also accorded with the endothermal peak at 1071 oC on the DSC 

curve of the Ti/Al/Nb compact (Fig. 8). At 1200 oC, the diffusion and the phase transition continued, 

and the composition of the alloy became homogeneous.  

 

Fig. 11 (a) HADDF image, (b) and (c) element mapping of the Ti/Al/Nb compact quenched at 750 

oC, and (d)-(f) SAED patterns of the corresponding regions in (a). 

Combined with the XRD and SEM analyses, the phase transition sequence was re-concluded as 

follows. Upon heating, the compact of the Ti, Al, and Nb powders experienced the phase transitions 

of α-Ti+Al→TiAl3→γ-TiAl→α2-Ti3Al, α-Ti→β-Ti, α2→B2, Al+3Nb→AlNb3 (ΔHcal=-67 kJ·mol-1), 
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and AlNb3+2Ti3Al→3Ti2AlNb(B2) (ΔHcal=-37 kJ·mol-1) [38]. The transformations among the TiAl3, 

TiAl, and Ti3Al phases were further confirmed by the TEM, as shown in Fig. 11. In addition to the 

element mappings that showed the continuous concentration change of the Ti and Al (Fig. 11b and c), 

the selected area electron diffraction (SAED) patterns were employed to confirm the three phases. 

The region in the high-angle annular dark-field (HADDF) image (Fig. 11a) was divided into three 

layers, which were confirmed to be TiAl3, TiAl, and Ti3Al from the left to the right side (Fig. 11d-f). 

The TiAl3 and TiAl phases were the intermediate phases for producing the Ti3Al phase. The SAED 

pattern for the TiAl3 phase is shown in Fig. 11d. The distance between the second brightest spot and 

the central spot was 4.908 nm-1, and five extra spots were between the two pots, forming an 18R-type 

long-period stacking ordered (LPSO) structure. It was due to the interruption of the periodic repeating 

octahedral structure in the crystal lattice of the TiAl3 phase. Six octahedral structure was stacked 

along the b-axis in a TiAl3 superlattice. Overall, the compounds were TiAl3, TiAl, and Ti3Al from the 

outer to the inner layers of the Ti particle. Since the B2 phase contained less Al than the α2 phase, Al 

was released when the phase transformation of α2→B2 occurred. Subsequently, the AlNb3 was 

formed from Al and Nb. 

The standard Gibbs free energy (ΔG) of the mentioned phase transformations was calculated 

according to the thermodynamic data reported by Cupid et al. [30] and George et al. [43]. The ΔG -T 

curves are shown in Fig. 12. A negative ΔG value indicated that the phase transformation was 

spontaneous at the corresponding temperature. The more negative the ΔG, the more spontaneous the 

phase transformation. Therefore, the Ti-Al compounds were spontaneously formed in the temperature 

range of 200-1400 oC, and the phase transformations of Al+3Nb→Nb3Al and α2→B2 were non-

spontaneous (Fig. 12a and 12b). In addition, the phase transformation of α→β was spontaneous above 
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1160 oC. According to the values of ΔG, the formation sequence of the phases was 

TiAl3→TiAl→Ti3Al→β→Nb3Al→B2, which agreed well with the above-concluded sequence of the 

phase transformations in the Ti/Al/Nb compacts. 

 

Fig. 12 Gibbs free energy (ΔG) of the concerned phase transformations (a) and (b) in the Ti/Al/Nb 

compacts, and (c) in the Ti/Al-Nb/Nb compacts. (b) is the enlargement of (a). Data from Cupid et 

al. [30] and George et al. [43]. 

 

Fig. 13 BSE images of the Ti/Al-Nb/Nb compacts quenched at (a) 500 oC, (b) 650 oC, (c) 750 oC, (d) 

850 oC, (e) 900 oC, (f) 950 oC, (g) 1000 oC, (h) 1100 oC, and (i) 1200 oC. 
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Table 2 EDS results of the Ti/Al-Nb/Nb compacts quenched at 850 °C and 900 °C. 

T/oC Figure Point Ti/at.% Al/at.% Nb/at.% 

850°C 13(d) 

1 0.35  73.95  25.70  

2 17.53  34.83  47.64  

3 67.93  25.07  6.99  

4 99.73  0.27  0.00  

900°C 13(e) 
1 18.28  36.28  45.45  

2 71.61  23.49  4.91  

For the compacts of Ti, Al-Nb, and Nb powder, the SEM images of the compacts quenched at 

500-1200 ℃ are shown in Fig. 13. At 500 oC, the Ti, Al3Nb, AlNb2, and Nb particles, which were in 

dark grey, light grey, cow pattern, and bright white color, respectively (Fig. 11a), were separated from 

each other. The XRD pattern also showed that the Ti, Al3Nb, AlNb2, and Nb phases existed in their 

original states at 500 oC (Fig. 9b). At 650 oC, the distances among the particles were reduced (Fig. 

13b). The expansion of the particles with the increasing temperature might account for this 

phenomenon. According to the results of the XRD patterns, no phase transitions occurred at this 

temperature, which was different from the Ti/Al/Nb compact. At 750 oC, the Nb and Al-Nb particles 

were still isolated by the connecting Ti particles (Fig. 11c). Layers were absent on the surfaces of the 

Nb or Ti particles. At 850 oC, 0.35 at.% Ti was dissolved in the Al3Nb phase, and 0.27 at.% Al was 

dissolved in the α-Ti phase, indicating that the interdiffusion of the Ti and Al-Nb alloy occurred (Fig. 

11d). As a result, the Ti3Al layer formed between the Ti and the Al3Nb particles. It indicated that the 

reaction of Ti+Al3Nb→Ti3Al+Nb2Al occurred. Specifically, 6.99 at.% Nb was dissolved in the Ti3Al 

phase, and 17.53 at.% Ti was in the Nb2Al phase. The micropores formed at the side of the Ti particles, 
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while the Nb2Al layer formed at the Al3Nb side. The layers of the Ti3Al and Nb2Al were 2.8 μm and 

0.3 μm, respectively. At 900 oC, the average thickness of Ti3Al and Nb2Al layers was increased to 5.7 

μm and 0.5 μm, respectively (Fig. 13e). At 950 oC, an increasing amount of Ti3Al formed on the Nb 

particles (Fig. 13f), since the diffusion between the Ti and Al-Nb particles was accelerated by the 

α→β transition occurred at 907 ℃ (Fig. 8). At 1000 oC, the Nb2Al and Ti3Al layers increased, and 

the Nb content in the Ti3Al phase was also increased. At 1100 oC, the Ti, Nb, and Al-Nb phases were 

continuously consumed to form the Ti3Al phase, and meanwhile, the phase transformation of α2→B2 

occurred. The Ti3Al, B2, and residual Nb regions were recognized in Fig. 13h. At 1200 ℃, most of 

the Ti3Al phase transformed into the B2 phase. With the increasing amount of the B2 phase, the 

composition of the compact became uniform. Overall, the SEM observation was in good agreement 

with the XRD analyses. 

 

Fig. 14 (a) HADDF image, (b)-(d) element mapping of the Ti/Al/Nb compact quenched at 950 oC, 

and (e)-(h) SAED patterns of the corresponding regions in (a). 

The transformations among the TiAl3, Nb2Al, Al3Nb, and B2 phases were further confirmed by 

the TEM, as shown in Fig. 14. In addition to the element mappings that showed the continuous 
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concentration change of the Ti, Al, and Nb, the selected area electron diffraction (SAED) patterns 

were employed to confirm the three phases. The four layers were Al3Nb, Nb2Al, Ti3Al, and B2 from 

the left to the right side of the HADDF image. The ΔG for the concerned reactions in the Ti/Al-Nb/Nb 

compacts is shown in Fig. 12c. The phase transformation of Nb2Al+3Ti→Ti3Al+2Nb was 

spontaneous in the temperature range of 200-1400 oC, and that of 2NbAl3+15Ti→Nb2Al+5Ti3Al was 

spontaneous below 1180 oC. Therefore, the formation sequence was confirmed to be Ti3Al→β→B2, 

which agreed well with the XRD and SEM analyses in the Ti/Al-Nb/Nb compacts. 

3.4 Densification mechanism 

 

Fig. 15 Porosity of the Ti/Al/Nb and Ti/Al-Nb/Nb compacts quenched at 500-1200 oC. 

Comparing the SEM images of the Ti/Al/Nb and Ti/Al-Nb/Nb compacts sintered at 1200 oC 

(Figs. 10i and 13i), the Ti/Al-Nb/Nb compact contained fewer pores. The porosity of the Ti/Al/Nb 

and Ti/Al-Nb/Nb compacts was 18.83% and 3.07% at 1200 oC, respectively. It proved that using the 

Al-Nb master alloy was beneficial to the densification of the Ti-Al-Nb alloys in the condition of 

pressureless sintering. The densification of the Ti/Al/Nb and Ti/Al-Nb/Nb compacts during the 

sintering process was clarified by illustrating the porosity of the compacts at 500-1200 oC (Fig. 13). 
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For the Ti/Al/Nb compact, two sharp increases were found on the curve at 650 oC and 950 oC, 

respectively. Combined with the DSC, XRD, and SEM analyses, the critical phase transitions that 

affected the density of the compacts were figured out, and a schematic diagram of the sintering 

process is shown in Fig. 16a. When the Ti, Al, and Nb powders were used as the raw materials, the 

powders were pressed into a dense green compact, since the soft Al filled the spaces among the Ti 

and Nb particles. This accounted for the low porosity of the Ti/Al/Nb compacts at 500 oC and 650 oC. 

The Al powder was wrapped on the surface of the Ti powder until melting. As the temperature 

increased, the TiAl3 phase was rapidly produced at the surface of the Ti particles. The transient liquid 

Al phase was the reason for the sharp increase of the porosity at 650 oC, and the pores remained in 

the regions of the original Al particles. In the temperature range of 650-850 oC, the phase transitions 

of TiAl3→TiAl→Ti3Al proceeded, which was strongly dependent on the diffusion of Al and Ti. The 

difference in the diffusion rate of Al in Ti and Ti in Al led to micro Kirkendall pores in the Ti-Al 

intermetallic compounds (Fig. 8b-d and 9a), and the porosity of the compact increased. This also 

accorded with the phenomenon that the pores were located inside the α2 phase in the sintered alloys 

(Fig. 1). At 900 oC, an increasing amount of Ti3Al phase formed rapidly from the TiAl phase or the 

α-Ti. The theoretical cell volumes of the α-Ti, TiAl, and Ti3Al are 35.22 Å3, 64.01 Å3, and 133.96 Å3, 

respectively [44-46]. The formation of the Ti3Al phase led to the expansion of the TiAl-coated Ti 

particles, reducing the porosity. When the heating temperature exceeded 900 oC, the interdiffusion 

among the Ti, Al, and Nb initiated in the α2 and Nb phases, forming the Nb-contained α2 phase and 

the Ti-contained AlNb3 phase at the surface of the Ti and Nb particles, respectively. Since the diffusion 

coefficient of Al in Nb (1.48×10-15 cm·s-1 at 1060 oC [47]) is larger than that of Nb in Ti3Al (7.55×10-

21 cm·s-1 at 1060 oC [32]), the strong Kirkendall effect led to the formation of the pores at the side of 
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the Ti3Al phase. Therefore, the porosity of the compact increased in the temperature range of 900-

1000 oC. The pores that originated from the Kirkendall effect were closed in the following 

homogenization stage. At 1000-1200 oC, the α2 phase with the theoretical cell volume of 133.96 Å3 

transformed into the B2 phase with that of 33.79 Å3. Nevertheless, the ripening of the B2 phase offset 

the volume reduction, and the overall porosity of the compact was decreased. 

 

Fig. 16 Schematic diagrams of the sintering processes of (a) Ti/Al/Nb compact and (b) Ti/Al-Nb/Nb 

compact. 

The porosity of the Ti/Al-Nb/Nb compact decreased continuously in the temperature range of 

500-1200 oC (Fig. 15). The schematic diagram of the sintering process is shown in Fig. 16b. Since 

the Al-Nb master alloy was not as soft as the Al powder, the porosity of the Ti/Al-Nb/Nb green 
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compact was larger than that of the Ti/Al/Nb one below the melting point of Al. Nevertheless, the 

expansion of the Ti and Al-Nb particles with the increasing temperature decreased the porosity, and 

the particles became connecting at 650 oC. Since no melting of Al occurred in this system, the porosity 

was gently decreased until 850 oC, which was different from the Ti/Al/Nb compact. At 850 oC, the 

reaction of α-Ti+3Al→α2-Ti3Al led to the expansion of the Ti particles and the reduction of the 

porosity. However, the interdiffusion occurred at the interfaces of the Ti3Al-coated Ti particles and 

the Al-Nb master alloy particles. The Kirkendall effect resulted in minor pores at the Ti3Al side, since 

the diffusion rate of Ti in Al3Nb was larger than that of Al/Al3Nb in Ti. Therefore, the phase 

transformation of Ti+3Al→Ti3Al was the dominant process that reduced the porosity of the compact 

at this temperature. At 900 oC, the α2 phase became the main product after the sufficient interdiffusion 

between Ti and Al. The theoretical cell volumes of the α-Ti, α2-Ti3Al, Al3Nb, and Nb2Al are 35.22 

Å3, 127.02 Å3, 139.31 Å3, and 512.70 Å3, respectively [48, 49]. The phase transformation of 

Ti+Al3Nb→Ti3Al+Nb2Al led to the expansion of the particles and thus the sharp decrease of the 

porosity. At 950 oC, an increasing amount of the Ti3Al phases formed, further reducing the porosity 

of the compact. At 1000 oC and 1100 oC, the intense generation of the Ti3Al phase and the ripening 

of the B2 phase should be responsible for the reduction of the porosity, respectively. Moreover, the 

pores originating from the Kirkendall effect were removed as the homogenization proceeded. 
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Fig. 17 EDS patterns at the interfaces of (a) Ti and Al, and (b) Nb and Ti3Al/B2 for the Ti/Al/Nb 

and Ti/Al-Nb/Nb compacts quenched at 650-1100 oC. (c) Measured diffusion distance of Al in Al in 

α-Ti, Nb in α2-Ti3Al, and Nb in B2. 

The densification process was linked to the key phase transformations during the sintering 

process. Besides, the Kirkendall effect played an important role in affecting the porosity of the 

compacts. In the following text, the densification mechanism was interpreted from the viewpoint of 

diffusion. According to the above analyses, the diffusion of the Nb atoms initiated at 900 oC, below 

which it was mainly the diffusion of the Al atoms. Therefore, the sintering process associated with 

the diffusion was divided into two stages, i.e. 500-900 oC and 900-1200 oC. The concentration of the 

elements in each phase was detected by EDS for the Ti/Al/Nb and Ti/Al-Nb/Nb compacts quenched 

at 500-1200 ℃. The diffusion rate was judged by the diffusion distances of the Al or Nb atoms away 

from the interfaces of two contacted particles. The results are shown in Fig. 17. To standardize the 
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comparison at different temperatures, the diffusion distance of the Al was measured from cps (counts 

per second) = 4000 to cps = 0 on the EDS pattern, and the diffusion distance of the Nb was measured 

from cps = 8000 to cps = 2500. 

The formation of the pores was strongly associated with the rapid reaction of liquid Al with Ti 

in the Ti/Al/Nb compact and the faster diffusion of Al than Ti during the formation of the Ti-Al 

compounds. The determining factor for the densification was the growth of B2, which depended on 

the diffusion of Nb. Since the Al-Al metallic bond was easier to break than the Al-Nb covalent bond, 

the diffusion of Al in α-Ti for the Ti/Al/Nb compact was faster than that for the Ti/Al-Nb/Nb compact 

in the temperature range of 500-900 oC (Fig. 17c). This was also proved by the high melting points 

of Al3Nb (1680 oC) and AlNb2 (1940 oC) [50]. When the Al powder was replaced by AlNb master 

alloy powder, the pores due to the melting of Al were avoided. Moreover, the diffusion rate of the Al 

in Al-Nb alloy was lower than that of the Al in pure Al. The Kirkendall effect between the diffusion 

of Ti and Al was depressed during the formation of the Ti-Al compounds; therefore, the micro 

Kirkendall pores were reduced in the Ti/Al-Nb/Nb compact. The formation energy of the reactions of 

3Ti+Al→Ti3Al and 3Ti+(2/5)NbAl3→Ti3Al+(1/5)Nb2Al was calculated to be -108 kJ·mol-1 and -

58.6 kJ·mol-1 [38], indicating the former reaction could proceed at a lower temperature. The phase 

transformation of Nb2Al+3Ti→Ti3Al+2Nb was spontaneous in the temperature range of 200-1400 

oC. Since the released Nb from Nb2Al was more active than the simple substance Nb, the diffusion 

of Nb in the Ti/Al-Nb/Nb compact was faster than that in the Ti/Al/Nb compact in the temperature 

range of 900-1100 oC (Fig. 15c). When the AlNb master alloy was used to partially replace the Nb 

powder, the Kirkendall pores due to the difference in the diffusion rate of Ti and Nb were avoided. 

The diffusion of Nb in Ti3Al is dominated by the vacancy mechanism [51]. During the diffusion 
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process, Nb occupied the position of Ti and replaced the vacancy in the sublattice of Ti3Al [52, 53]. 

Therefore, the increasing diffusion rate of Nb led to the rapid densification of the Ti-Al-Nb alloy 

prepared from the Al-Nb master alloy powder.  

4. Conclusions 

In summary, a dense Ti-Al-Nb alloy was fabricated from the Al-Nb master alloy powder by cold 

isostatic pressing and pressureless sintering in this study. The room-temperature and high-temperature 

tensile strength was improved, compared with that of the alloy prepared from pure Al powder. The 

improvement was attributed to the removal of the pores and the refinement of the acicular α2 phase. 

By comparing the phase transitions and element diffusion in the Ti/Al/Nb and Ti/Al-Nb/Nb compacts 

upon sintering, the densification mechanism was elucidated. In the Ti/Al/Nb compact, the sintered 

pores were due to the rapid consumption of liquid Al and the Kirkendall effect at the Ti3Al/Nb 

interfaces, which occurred during the phase transformations of Ti+3Al→TiAl3 and α2→B2, 

respectively. When the elemental Al powder was replaced with the Al-Nb alloy powder, the Ti3Al 

formed following the reactions of α-Ti+Al3Nb→α2-Ti3Al+Nb2Al and Nb2Al+3Ti→Ti3Al+2Nb. The 

densification was by virtue of the decreased diffusion rate of the Al and the increased diffusion rate 

of the Nb, which significantly reduced the Kirkendall pores at the Ti/AlNb3 and the Ti3Al/Nb 

interfaces, respectively. The increased diffusion rate of Nb also accelerated the formation and ripening 

of the B2 phase, which also promoted the densification of the Ti-Al-Nb alloy prepared from the Al-

Nb master alloy powder. 
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